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Abstract 
L12 precipitate hardened Cu-Ni-Al alloys offer high strength, corrosion resistance and anti-biofouling properties, 
making them useful in marine engineering applications. Optimisation of their mechanical properties requires a full 
understanding of their complex precipitate nucleation and coarsening mechanisms. In this work, the microstructural 
characteristics and hardness of three Cu-Ni-Al alloys with compositions of Cu(95-x)NixAl5 (x = 5, 15, 25 at%) were 
investigated in the homogenised state and following heat treatments at 700˚C for 1, 10, 100 and 1000 hours. L12 
precipitates were observed in the alloys containing ≥ 15 at% Ni. In these alloys, the L12 phase was found to precipitate 
via both continuous and discontinuous routes following all exposures at 700˚C. The coarsening behaviours of the 
continuous and discontinuous L12 distributions were characterised and correlated to measurements of hardness and 
lattice misfit. The alloys containing 15 and 25 at% Ni exhibited peak hardness after 1 h at 700˚C, which corresponded 
to average particle diameters of 30 nm, respectively. These results were rationalised through calculations of the 
change in the critical resolved shear stress associated with the transition from weakly to strongly coupled superpartial 
dislocations. The discontinuous reaction was observed to be led by L12 phase formation, which extended into the 
neighbouring grain, ahead of the reorientation front of the matrix. 
 





Cupronickel alloys exhibit excellent resistance to aqueous corrosion, hydrogen embrittlement and stress corrosion 
cracking [1, 2]. The mechanical properties of these alloys may also be enhanced through additions that promote solid 
solution and/or precipitation strengthening [3, 4]. In addition, these alloys exhibit strong antibiofouling properties due 
to the high toxicity of Cu to marine life [5]. As a result, they are used extensively in marine engineering, finding 
applications in ship building, desalination plants, offshore oil platforms and power generation [6, 7]. 
 
Traditional cupronickel alloys were developed to exploit the complete miscibility of Cu and Ni that form a solid 
solution with an A1 structure (Strukterbericht notation) [8]. In order to improve environmental resistance, additions of 
Al were utilised to form Ni-Al bronzes, which also served to improve the mechanical properties through the formation 
of precipitates of the (Ni,Cu)3Al phase, which has the L12 (Strukterbericht notation) superlattice structure. The ordered 
L12 precipitates maintain coherency with the disordered A1 matrix, similar to the structurally analogous γ/γ′ Ni-based 
superalloys [9]. To date, a number of precipitate hardened cupronickel alloys of this type have been commercially 
produced for use in structural applications. These include Hiduron® 130, Hiduron® 191 and Marinel®, which have 
compositions of Cu-14.4Ni-2.7Al-0.8Fe-0.3Mn [4, 3], Cu-14.2Ni-3.9Mn-2.3Al-0.8Fe [10] and Cu-19.6Ni-5.0Mn-
4.0Al-1.3Fe-0.5Nb-0.5Cr-0.22Si [11] in at.%, respectively.  
 
In a study of precipitation in Hiduron® 130, two forms of the L12 phase were observed: small, continuously 




[12]. Similarly, microstructural investigations of Marinel® identified two distinct precipitating phases: an intragranular 
L12 phase and a grain boundary Nb-rich orthorhombic ε phase [11, 13]. In subsequent work, Grylls [14] developed a 
Bayesian neural network to predict the mechanical properties of precipitation hardened cupronickel alloys as a 
function of composition. Although, the effect of processing parameters and the associated microstructural changes 
were not included in their model. More recently, a study of precipitation in Cu-15Ni-xAl alloys has shown that 
significant variations in alloy hardness can be obtained through modification of both alloy chemistry and subsequent 
heat treatment, which may be rationalised through considering the Gibbs energy and diffusion rates of the system [15].  
 
In order to facilitate future alloy design and microstructural optimisation for alloy strength, further studies of the L12 
precipitation behaviour of cupronickels, are required. However, it is considered advantageous for such studies to be 
initially performed on compositionally simpler alloys to avoid the complications that arise from multiple precipitating 
phases and the associated elemental partitioning. To this end, in this study, three cupronickel alloys with compositions 
of Cu– 5 at. % Al– x at. % Ni, where x = 5, 15, 25, were investigated. The temporal evolution of the microstructure 
and hardness of each alloy was evaluated following exposures at 700˚C for up to 1000 hours and rationalised by 
considering the dislocation interactions mechanisms expected of A1-L12 alloys. In addition, the discontinuously 
precipitated L12 colonies were studied and their occurrence related to grain boundary character.  
 
2. Experimental Procedure 
 
The compositions of the alloys studied, given in Table 1, were chosen to be in line with existing precipitation 
strengthened cupronickels. The positions of these alloys in the Ni-Cu rich region of the Al-Cu-Ni ternary phase 
diagram are shown in Figure 1. Alloys A, B and C were arc melted from pure elements of at least 99.9% purity and 
each ingot was inverted and remelted 5 times to reduce cast compositional inhomogeneities. All alloys were 
homogenised for 100 hours at a temperature ∼ 50˚C below the experimentally obtained solidus temperatures, Table 1. 
Following homogenisation, sections from each ingot were aged at 700˚C for 1, 10, 100 and 1000 hours and air cooled. 
All heat treatments were performed in argon backfilled quartz ampoules to minimise environmental interactions.  
 
Differential Scanning Calorimetry (DSC) was performed on disc-shaped specimens, measuring 5 mm in diameter by 1 
mm thick, cut from the homogenised ingots. Calorimetric data were collected from the samples under an argon 
atmosphere using a Netzsch 404 instrument with a heating/cooling rate of 10˚Cmin-1. The results were analysed using 
the first deviation from baseline approach in order to obtain the solidus, liquidus and precipitate solvus temperatures. 
Samples for scanning electron microscopy (SEM) were prepared following standard metallographic preparation 
techniques, culminating in a final polishing stage using a H2O2 neutralised solution of 0.06 μm colloidal silica. In 
addition, where indicated, electrolytic etching using a 10% phosphoric acid solution at ∼ 5 V was used to enhance the 
contrast and facilitate the analysis of the L12 particles. Two scanning electron microscopes were used: an FEI Nova 
NanoSEM 450 equipped with an e-Flash1000 Electron Backscattered Diffraction (EBSD) detector and a Zeiss 
GeminiSEM 300 equipped with an Oxford Instruments Energy Dispersive X-ray Spectroscopy (EDX) detector. The 
actual compositions of the three alloys were determined in the as-homogenised state using SEM-EDX by averaging 
over at least 5 randomly selected large areas (500 µm2).  
 
 
Table 1: Nominal and EDX-measured compositions of alloys A, B and C, in at. %, with solidus temperatures as determined by DSC and 
homogenization temperatures used.  




 Nom.  EDX Nom.  EDX Nom. EDX   
A 90 90.3 ± 0.4 5 4.6 ± 0.2 5 5.1 ± 0.4 1090 1040 
B 80 78.5 ± 0.2 15 15.6 ± 0.2 5 5.9 ± 0.2 1125 1075 







Figure 1: A section of the Cu-Ni-Al ternary phase diagram at 700˚C, adapted from [8]. Alloy A lies in the A1 solid solution while Alloys B and C 
are shown to lie within the A1/L12 binary phase field.  
 
Analysis of the particle size distributions was performed using the ImageJ software on SEM images of a minimum of 
350 particles. Overlapping particles were excluded from the data by both limiting the selection to circularities greater 
than 0.7 and manually evaluating the particles chosen. The average particle diameter was obtained following the 
procedure outlined by Goodfellow et al. [16]. Assuming a spherical morphology, the effective particle diameters were 
binned according to the Freedman Diaconis method [17] and were fitted with the lognormal distribution given in Eq. 1 
using the Wavemetrics Igor Pro software package. The average precipitate size was taken as the median of the 
lognormal function (eμ) with upper and lower uncertainties given by the width of the function away from the median 
(e(μ+σ) and e(μ−σ)), where σ is the standard deviation associated with the median, μ.  




X-ray Diffraction (XRD) data were acquired across the 2θ angular range from 20˚ to 100˚ on a Bruker D8 
diffractometer using Ni-filtered Cu-Kα radiation. Diffraction patterns were fitted using the Pawley method [18] in the 
TOPAS-academic software package to obtain the lattice parameters of the precipitate, α–L12, and matrix, α–A1, 
phases. The lattice misfit (δ) was calculated using Eq. 2.  
 𝛿𝛿 = 2 �𝛼𝛼𝐿𝐿12  − 𝛼𝛼𝐴𝐴1𝛼𝛼𝐿𝐿12  + 𝛼𝛼𝐴𝐴1� Equation 2 
 
The hardness in each condition was determined using a Vickers hardness indenter with an applied load of 1, 2, 3 or 5 
kg depending on the hardness of the sample, and a dwell time of 15 seconds. The indenter was calibrated each time 
the load was changed, and at least eight measurements were averaged to obtain a value of hardness and associated 




The actual compositions of the three alloys in the homogenised state are given in Table 1. All alloys were found to be 
within 1.5 at. % of the nominal target compositions and were therefore considered to be acceptable for the purposes of 
the study.  
 
3.1 Differential Scanning Calorimetry 
 
The DSC thermograms obtained during heating of Alloys A, B and C in their homogenised states are shown in Figure 
2i. The thermogram from Alloy A displayed a single endothermic event between 1100 and 1200˚C, consistent with the 
bulk melting of the alloy. The absence of additional features at lower temperatures was consistent with the alloy 
retaining a single-phase microstructure throughout the DSC test. In contrast, the DSC thermograms from Alloys B and 
C showed a sigmoidal feature between 800 and 900˚C, consistent with a solid-state phase transformation, as well as an 
endothermic peak at temperatures over 1100˚C associated with bulk melting. This solid-state phase transformation in 
the 800 and 900˚C range is believed to be due to the dissolution of the L12 phase, which is expected to form on 
cooling from the homogenisation heat treatment. In Figure 2ii, the liquidus, solidus and L12 solvus temperatures 
obtained from the as-homogenised DSC thermograms are plotted as a function of the nominal Ni content in the alloy. 
Both the liquidus and solidus temperatures were found to increase with increasing Ni concentration in the material, 






Figure 2 i.) DSC thermograms obtained during heating of Alloys A, B and C in their as-homogenised states. ii.) Liquidus, solidus and L12 solvus 
temperatures obtained from the DSC results of the as-homogenised samples plotted as a function of nominal at. % Ni.  
3.2 Microstructural Evolution 
 
3.2.1 Continuous Precipitation 
 
Microstructural examination of Alloy A following each heat treatment confirmed that this alloy remained within a 
single fcc phase field at all conditions tested, consistent with its composition lying in the single phase field of the 
ternary phase diagram shown in Figure 1 and the absence of a deviation in the DSC results below the solidus 
temperature. Representative SEM images of the microstructures of the intragranular, continuous L12 precipitate 
distributions from Alloys B and C following exposures at 700˚C are shown in Figure 3.  
 
In the microstructures obtained from the samples aged for 1 hour, continuous intragranular L12 precipitates were 
observed that were spheroidal and uniformly distributed. Following 10 and 100 hours at 700˚C, the morphology of the 
particles became progressively more cuboidal. In addition, the precipitates were observed to align along two 
orthogonal directions. After 1000 hours at 700˚C, the particles returned to a spherical morphology whilst maintaining 
their alignment, and some particles appeared conjoined along their alignment axes. The mean particle diameters 
calculated for Alloys B and C, as defined by the median of the lognormal distribution described above, are shown in 
Figure 4. Both alloys were found to exhibit remarkably similar coarsening behaviour, with particle diameters 







Figure 3: Secondary electron images of the intragranular L12 distributions following heat treatments at 700˚C of Alloys B and C for 1, 10, 100 








Figure 5: Secondary electron images following heat treatments at 700˚C of Alloys B and C for 1, 10, 100 and 1000 hours, showing 
discontinuous precipitation colonies at grain boundaries.  
 
3.2.2 Discontinuous Precipitation 
 
Discontinuous precipitation (DP) of the L12 phase was observed in both Alloys B and C for all ageing times, as shown 
in Fig. 5. In all cases, these DP colonies were located at grain boundaries and comprised a precipitate-free matrix in 
between discontinuously formed precipitate. The discontinuous products in both Alloys B and C were found to 
coarsen with time at temperature, whilst additional DP colonies were also observed in samples that were exposed for 
longer durations. The inter-particle spacing within the DP colonies, which is often used to determine the coarsening 
behaviour [19], was found to be irregular in most colonies and in some cases it was observed to be coarser with 
distance from the original boundary, e.g. Alloy B following 1000-hour exposure, Fig 5.  
 
EDX elemental distribution maps of representative DP colonies in Alloys B and C after 1000 hours are shown in Figs. 
6 and 7, respectively. Ni and Al were found to segregate to the discontinuously formed precipitates. Point EDX 
analyses of the phases indicated that the composition of the discontinuously precipitating phase in both Alloys B and 
C was very similar and in line with the composition of the L12 phase corresponding to (Ni,Cu)3Al.  
 
Discontinuous precipitation in Alloys B and C was found to evolve with exposure time, with “single-seam” 
morphologies being observed following short duration exposures of up to 10 hours, whereas both “single-seam” and 
“double-seam” morphologies were observed in the samples exposed for durations in excess of 100 hours [19].  
 
EBSD analyses of the DP colonies were performed on samples of Alloys B and C after the 1000-hour exposures in 
order to identify the relationship between the discontinuous reaction products and the neighbouring grains, Fig. 8. This 
enabled unambiguous identification of the location of the resulting grain boundary and direction of the discontinuous 
reaction front. It was found that the discontinuous precipitation was prevalent at high angle grain boundaries, although 
not all high angle boundaries showed evidence of DP, Fig. 8ii. The DP colonies were observed to coarsen away from 
the original grain boundary, as seen in Figs. 8i and 8iii. Careful observation of the EBSD maps shown in Figs. 8ii and 
8iv, also revealed large discontinuous L12 precipitates with orientations consistent with the DP colony forming ahead 
of the migrating boundary. Unusually, the formation of a discrete discontinuous colony was observed to form at the 
interface between a twin (depicted in orange) and a grain (pink) in Alloy C, Fig. 8iv. These analyses aid in interpreting 
the secondary electron images of the discontinuous reaction colonies presented in Fig. 5. For example, direct 
comparison can be made between the secondary electron image for Alloy C after 1000 hours shown in Fig. 5 and the 
backscattered electron image and EBSD map of the same region shown in Fig. 8iii and iv respectively. This enables 








Figure 6: Secondary electron image (i) and EDX elemental distribution maps (ii-iv) of discontinuously precipitated colonies at a triple grain 
boundary in Alloy B after a 1000-hour heat treatment at 700˚C.  
 
Figure 7: Secondary electron image (i) and EDX elemental distribution maps (ii-iv) of a discontinuously precipitated colony in Alloy C after a 








Figure 8: Backscattered electron (left) and EBSD (right) images of Alloy B (i-ii) and Alloy C (iii-iv) after 1000 hours at 700˚C. Low angle grain 
boundaries (<15˚) are indicated in white, whereas high angle grain boundaries (>15˚) are shown in black. Discontinuous colonies can be seen 
in each image at high angle grain boundaries.  
3.3 X–ray Diffraction 
 
The temporal evolution of the microstructure was also investigated using laboratory XRD of the samples in the as-
homogenised state and following the ageing heat treatments. A subset of XRD data for Alloy B after 10-hour thermal 
exposure at 700˚C is shown in Fig. 9i, along with the associated fit using the Pawley method [18]. The lattice 
parameters of each phase obtained from the Pawley analysis are presented in Fig. 9ii and the lattice misfit between the 
A1 and L12 phases is shown in Fig. 9iii as a function of the logarithm of ageing time.  
 
The lattice parameters of the A1 phase in all the alloys tested did not vary by more than 0.01 Å. Following thermal 
exposure, the A1 phase lattice parameter in Alloys B and C was found to decrease compared to that in the as-
homogenised state, and did not show significant variation with varying ageing time. In addition, the L12 phase lattice 
parameter in Alloy C was found to remain approximately constant for the samples exposed up to 100 hours, whereas a 
pronounced decrease in the lattice parameter was observed for the sample exposed for 1000 hours. Whilst similar 
results were expected for Alloy B, a significant deviation was observed in the data obtained for the sample exposed for 
100 hours. This is believed to be erroneous as the XRD patterns obtained from this sample were found to be textured, 
resulting in biased sampling of the material, and hence the data were not representative of the overall microstructure. 
However, as with Alloy C, Alloy B showed a marked decrease in the L12 phase lattice parameter for the sample 
exposed for 1000 hours.  
 
The lattice misfit for Alloys B and C was calculated using Eq. 2 and was determined to be negative for all ageing 
times, Fig. 9iii. The lattice misfit behaviour of Alloys B and C was found to differ slightly as the lattice misfit for 
Alloy B was observed to generally decrease with increasing exposure time, whereas the lattice misfit in Alloy C was 





To investigate the effect of the microstructural changes on the strength of the material, hardness measurements were 
taken on all samples and the averaged results are presented in Fig. 10. The hardness of Alloy A in the as-homogenised 
state was 50 ± 1 Hv, and remained roughly constant for all ageing times, consistent with it having a single-phase solid 
solution microstructure without L12 precipitates. Alloys B and C showed hardness of 255 ± 7 Hv and 229 ± 4 Hv in 
the homogenised state, respectively. Both Alloys B and C showed a peak in hardness following the 1-hour exposure at 
700˚C. After longer exposures at 700˚C, continual decreases in the hardness of the alloys were observed, which were 







Figure 9: i) Subset of an X-ray diffraction pattern obtained from Alloy B in the as-homogenised state overlaid with the associated fit computed 
using the Pawley method [18]. ii) Lattice parameters of the A1 and L12 phases in Alloys A, B and C as a function of ageing time at 700˚C. iii) 







Figure 10: Vickers hardness measurements as a function of ageing time for alloys A, B and C. 
4. Discussion 
 
4.1 Continuous Precipitation 
 
Alloys B and C, which contained 15 and 25 at. % Ni respectively, showed precipitation of the L12 phase, consistent 
with the ternary phase diagram shown in Fig. 1. Whilst the L12 phase was only visually identified during SEM 
imaging of the samples aged at 700˚C, the results from both the DSC and XRD indicated that the L12 phase was also 
present in the as-homogenised samples. This is attributed to the formation of the L12 phase on cooling from the 
homogenisation temperature, producing precipitates too fine to be imaged by SEM. A particular aim of this study was 
to investigate the temporal evolution of the L12 phase. In order to induce sufficient change over short time periods, 
700˚C was selected as the ageing temperature as it is sufficiently near the L12 precipitate dissolution temperature as to 
ensure quick microstructural changes, but not so close to the L12 solvus temperature so as to result in incipient 
melting.  
 
Exposures of varying durations at 700˚C resulted in both coarsening and morphological changes of the L12 
precipitates in Alloys B and C. The morphology of the precipitates was found to transition from spherical to cuboidal, 
whilst the particles were found to align with the elastically soft <100> axes of the matrix following the 1000-hour 
exposures, consistent with the results of Stobrawa et al. [20]. The morphological evolution of the L12 phase was also 
found to be largely in agreement with existing theories applied to A1-L12 microstructural evolution in Ni-based 
superalloys [21, 22, 23]. However, no apparent correlation was observed between the morphologies of the L12 
particles and the lattice misfit shown in Fig. 9, as Alloys B and C were found to exhibit near identical morphological 
changes, whereas the lattice misfit evolution of the two alloys was found to be markedly different. The magnitude of 
the lattice misfit in Alloy B was found to increase with increasing ageing time. In contrast, the magnitude of the lattice 
misfit in Alloy C was found to remain approximately constant for ageing times up to 100 hours, and increase 
dramatically in the sample exposed for 1000 hours. This disparity in the behaviour of the two alloys would suggest 
that the lattice misfit, and hence the interfacial strain energy between the A1 and L12 phases, is not the dominant 
mechanism in the morphological evolution of the precipitates. Furthermore, the strong alignment of the particles 
following the 1000-hour ageing, as well as the coalescence of the particles along the elastically compliant 
crystallographic axes would suggest that a loss of coherency occurred, as is known to occur during rafting in 
superalloys [24].  
 
In addition to the morphological changes, appreciable coarsening of the L12 precipitates was observed in Alloys B and 
C, with the precipitate diameters increasing approximately linearly with ageing time. In both alloys the precipitates 
increased from about 30 nm after 1 hour at 700˚C to 180 nm (Alloy B) and 190 nm (Alloy C) after 1000 hours. This 
linear coarsening behaviour is inconsistent with the diffusion controlled precipitate growth described by the Lifshitz, 
Slyozov and Wagner (LSW) theory [25], suggesting that other factors are influencing precipitate growth kinetics. One 




such that this time period is not exclusively within the growth regime. Alternatively, this could also be a result of 
particle agglomeration, which restricts the extent to which a particle can grow. This effect has also been seen in γʹ 
coarsening within polycrystalline Ni-based superalloys after 2000 hours at 850 ˚C [26, 27]. Indeed, evidence of 
particle alignment and coalescence can be readily seen in Fig. 3, most clearly in the microstructures of Alloys B and C 
after 1000 hours.  
 
The microstructural changes observed had a profound effect on the measured hardness of the samples. Alloys B and C 
showed significantly higher hardness than Alloy A for all ageing times, consistent with the hardening effect of the L12 
precipitates. Peak hardness was achieved for Alloys B and C after 1 hour at 700˚C, after which monotonic softening 
was observed for longer ageing times. In order-strengthened alloys, where the precipitates exhibit chemical ordering 
and are often a superstructure of the parent matrix, further energy barriers are introduced associated with the 
disruption of the ordered structure. For A1-L12 systems, the creation of an anti-phase boundary (APB) is observed 
when dislocations from the A1 phase transition into the L12 precipitates. To minimise the APB energy, deformation 
occurs by the passage of pairs of superpartial dislocations, and maximum hardness is achieved by the transition from 
weakly coupled to strongly coupled superpartial dislocations [28, 29, 30, 31].  
 
Eqs. 3 and 4, which describe the change in critical resolved shear stress for weak and strong coupling were used to 
determine the optimum particle size d∗, as derived by Kozar et al. [32] and Brown and Ham [33], respectively:  
 𝛥𝛥𝛥𝛥 =  12  �𝛾𝛾𝐴𝐴𝐴𝐴𝐴𝐴𝑏𝑏 �32  �𝑏𝑏 𝑑𝑑∗ 𝑓𝑓𝑇𝑇 �12  𝐴𝐴 −  12  �𝛾𝛾𝐴𝐴𝐴𝐴𝐴𝐴𝑏𝑏 �  𝑓𝑓  Equation 3 
 
 
 𝛥𝛥𝛥𝛥 =  12  �𝐺𝐺𝑏𝑏𝑑𝑑∗� 𝑓𝑓12 𝐴𝐴 𝑤𝑤 �𝜋𝜋 𝑑𝑑∗𝛾𝛾𝐴𝐴𝐴𝐴𝐴𝐴𝑤𝑤𝐺𝐺𝑏𝑏2 − 1�12 Equation 4 
 
In each equation: γAPB is the APB energy of the L12 phase; b is the Burger’s vector; d∗ is the critical particle size; f is 
the volume fraction of particles; T is the line tension, taken to be equal to Gb2/2 for screw dislocations; A is a 
geometrical factor equal to 0.72 for spherical precipitates; G is the shear modulus of the material and w is a dislocation  
repulsion factor approximated to 1 following Hüther et al. [34]. The γAPB was calculated using the Miodownik and 
Saunders approach [35, 36] and the ThermoCalc software package coupled with the TTNi8 database. The APB 
energies for Alloys B and C were thus found to be 278.6 and 217.6 mJm−2 respectively, by taking the average APB 
along {111} and {001}. The Burger’s vector was assumed to be of the a/2[110] type, with a being the lattice 
parameter of the A1 matrix and assigned a value of 3.6 Å on average. The shear modulus of the material was 
calculated to be 45 GPa, obtained using the elastic modulus E of a Cu-6.2Ni-6.8Al at% alloy [37] and assuming the 
material is isotropic. The elastic and shear moduli of the commercially produced Cu-Ni-Al alloys, Hiduron® 130 and 
Hiduron® 191, support the assumption of isotropy, and the shear modulus used in these calculations is 85% that of the 
Hiduron® alloys, as expected for model alloys. Due to limitations with sample preparation, the volume fraction of 
precipitates could not be reliably determined, and hence, a range of optimum particle sizes were calculated by varying 
the volume fraction from 0.1 to 0.5. The optimum sizes were found to range from 16 to 23 nm and 20 to 29 nm for 
Alloys B and C, respectively. It is important to note that many of the values used in these equations are temperature 
dependent and, therefore, the optimum particle diameters will also exhibit a temperature dependency. However, it is 
expected that the range in particle diameters obtained by varying the precipitate volume fractions results in a wider 
distribution and therefore, encompasses the temperature dependency.  
 
Experimentally, the greatest hardness was obtained after ageing both Alloys B and C for 1 hour at 700˚C and in this 
condition the mean particle sizes for both alloys were ∼30 nm. This places the hardening mechanism in the strongly 
coupled regime for both alloys, and relatively near the calculated critical precipitate size for maximum hardness. 
Given that the L12 phase was not visible in the homogenised samples using SEM and the lower hardness measured 
from samples in this condition with respect to the 1 hour heat treatment, the homogenised condition samples are 
expected to operate in the weakly coupled regime. These results have important implications for the design of post-
processing heat treatments in order to optimise the mechanical properties of the alloys. From the precipitate sizes 
measured in this study, along with the mid-point optimum precipitate sizes calculated using the transition from weakly 
to strongly coupled dislocations, an optimum heat treatment duration of between 30 mins and 1 hour at 700˚C for 
Alloys B and C respectively is predicted. This approach could be extended to heat treatment optimisation at other 
temperatures, where changes in the Gibbs energy driving forces and diffusion rates have been shown to generate 






4.2 Discontinuous Precipitation 
 
In addition to the continuous precipitation of the L12 phase, DP was also observed at the grain boundaries in Alloys B 
and C, Fig. 5. The DP process is well documented in Cu alloys [38, 19], and has been studied in the Cu-Ni-Al system 
[12, 11, 39, 40]. It is known that it occurs in a supersaturated solid solution in which continuous precipitation is 
kinetically inhibited [19]. High angle grain boundaries act as fast paths for the diffusion of solute atoms, allowing DP 
to occur through grain boundary migration; grain boundary curvature provides a driving force for grain boundary 
migration, and a second phase is discontinuously precipitated with a regular spacing as solute accumulates at the 
interface. This results in the supersaturated matrix decomposing into lamellar (or rod-like) aggregates in a eutectoid-
like decomposition. As the parent and product phases are the same, this process conforms to a type II discontinuous 
reaction as defined by Williams and Butler [41] and discussed in the works of Manna et al. [38,19].  
 
The driving force for DP in the samples studied may be due to the limited solubility of Al in (Cu-Ni), which was 
found to be 0.1 to 0.8 at. % Al in Cu solutions containing 10 to 20 at. % Ni [42]. This is supported by the work of 
Sierpinski et al. [39], who showed limited DP in Cu-Ni-Al alloys cooled slowly from 900˚C to 500˚C. Slow cooling 
allowed for the solute redistribution required for continuous precipitation. Coarser precipitates were also seen at 
longer ageing times, which is consistent with a diffusion-controlled process.  
 
Many isothermal steady state models exist for the analysis of DP [19]. All, however, depend on either the lamellar 
spacing or the angle between the lamellae and the normal to the reaction front. Determination of either parameter was 
not possible in this case due to the morphology and alignment of the DP products with the normal to the migrating 
boundary. Multiple possible explanations exist for the apparently particulate nature of the DP. Reprecipitation at the 
migrating boundary is known to occur as an alternative to branching to maintain a constant lamellar spacing. 
Alternatively, rod-like DP has been previously reported, and would appear ellipsoidal if the plane of observation does 
not intersect the rods along the long axis. Sierpinksi et al. [39] observed rod-like DP in Cu-10Ni-3Al (wt%) alloys 
after isothermally ageing at 500˚C following a water-quench from 900˚C. Furthermore, at high temperatures increased 
diffusion can result in a considerable proportion of continuous coarsening rendering the DP colony completely 
spheroidised [19]. Given the relatively high homologous temperature the latter mechanism may be in operation in the 
alloys investigated in this study. Spheroidal DP has also been previously reported in Hiduron® 130 for samples aged at 
600 and 700˚C for 100 hours [12], on which the model Cu-Ni-Al alloys studied are based.  
 
Many of the DP colonies in Alloys B and C coarsened with time, or equivalently, with distance from the original grain 
boundary. It has been reported by Manna et al. [38, 43, 19] that the presence of prior or concurrent continuous 
precipitation ahead of the reaction front dramatically reduces the chemical driving force for DP. Furthermore, 
continuous precipitation may act as a physical obstacle to the motion of the boundary. The relative importance of each 
effect is not known, but they may lead to a reduction in the reaction front migration rate. The slower reaction front 
provides a longer time for the diffusion of solute, causing an increase in lamellar spacing in the latter stages compared 
to that of the early stages of the same transformation. This phenomenon has been seen in a number of alloy systems, 
including Cu-Mg [44] and Cu-Sn [45].  
 
The occurrence of the double-seam morphology observed in Fig. 5 is not well understood, and indeed two theories 
will be discussed based on two proposed mechanisms for the initiation of DP. The first is based on the pucker 
mechanism, which relies on a rigid orientation relationship between the precipitate and matrix. Nucleation of 
allotriomorphs on stationary boundaries leads to boundary deflection, which is necessary to minimise interfacial 
energy and maintain the rigid precipiate/matrix habit plane. Based on this mechanism, the double-seam morphology is 
predicted to occur in the temperature range T > 0.5Ts where Ts is the solidus temperature [19, 46]. This is due to the 
boundary sensitivity to structure and hence, it’s restriction at low temperatures. However, there is also evidence for the 
formation of a double-seam at T > 0.5Ts [47], and as a consequence it has been suggested that the double-seam 
morphology could nucleate via a thermally activated boundary migration process.  
 
The DSC data acquired in this study indicated that the solidus temperatures of Alloys B and C were 1130 and 1165˚C, 
respectively. At 700˚C, this places the ageing temperature firmly > 0.65 Ts, providing evidence contrary to the pucker 
mechanism in Cu-Ni-Al alloys. Indeed, the rough surfaces of the discontinuous precipitates and their alignment 
perpendicular to the migrating boundary do not support the idea of a strong habit relationship, despite the 
crystallographic alignment of the continuous precipitates at intermediate ageing times. Therefore, this provides further 




morphology depends on local thermodynamics and kinetic considerations, including grain boundary structure and 
mobility [19].  
 
EBSD confirmed that DP occurred at high angle grain boundaries, but the grains were too large to allow statistical 
analysis. In addition, whilst it is commonly expected that discontinuous reactions occur at mobile high angle 
boundaries [19], DP has also been observed to occur at a twin interface in Cu-Mg alloys [48]. Hence, additional work 
on the occurrence of DP and under what conditions this may happen is required.  
 
EBSD data shown in Fig. 8iv revealed that discontinuously precipitated particles were observed ahead of the reaction 
front to which they belonged. The particle orientation matched that of the neighbouring grain, and they appeared to 
reside as incoherent particles in a precipitate free matrix. It therefore appears that the discontinuous reaction front is 
led by growth of L12 tendrils from the initiating boundary, which relieve the supersaturation in the neighbouring grain. 
This is followed by matrix reorientation, which lags behind the L12 formation. Such a hypothesis is consistent with the 
findings of Dong et al. [15]. However, higher resolution compositional and crystallographic analysis would be 




The microstructure of three Cu(95-x)NixAl5 alloys containing 5, 15 and 25 at. % Ni were characterised using a 
combination of SEM, EDX, EBSD and XRD techniques, in the homogenised condition and following 1, 10, 100 and 
1000-hour heat treatments at 700˚C. From the results obtained the following conclusions were drawn:  
 
• The formation of sub-micron continuously precipitated L12 particles was observed within the A1 matrix of alloys 
containing in excess of 15 at. % Ni.  
• The coarsening behaviours of the continuous precipitates in Alloys B (15 at. %Ni) and C (25 at. % Ni) were 
remarkably similar, with both alloys exhibiting an initial particle size of ∼30 nm following 1 hour exposures at 
700˚C. These particles coarsened to 180 and 190 nm in Alloys B and C respectively following 1000 hours at 
700˚C.  
• The optimal particle sizes for maximum strengthening were calculated to be in the range of 16-29 nm for both 
Alloys B and C depending on the precipitate volume fractions. This could be achieved with a heat-treatment in the 
range of 30-60 minutes at 700˚C.  
• Discontinuous precipitation of the L12 phase was observed at some high angle grain boundaries in Alloys B and 
C. These discontinuously precipitated colonies appeared to be led by the directional growth of L12 particles from 
the boundary. The matrix reorientation associated with this process lagged behind, leading to incoherent tendrils 
of the L12 phase extending into the neighbouring grain.  
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